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Abstract

GTD-111, used for gas turbine first stage blades, is a new, high performance and less investigated Ni-based superalloy. This
alloy, with high volume fraction of g % phase, has excellent creep resistance. It is believed that several creep deformation
mechanisms operate at various combinations of temperature and stress. The regions of the controlling mechanisms can be
described in terms of a stress-temperature deformation mechanism map. To construct a creep mechanism map for GTD-111
superalloy, single-specimen creep tests at constant stress/variable temperature and constant temperature/variable stress were
conducted. The map consists of two separate dislocation controlling mechanism fields; a stacking fault and anti-phase boundary
region, and a dislocation climb region. Also, it was clear that a diffusional creep mechanism operated at lower stresses.
Microstructural analysis using TEM on creep tested specimens in the two dislocation creep fields confirmed the deformation
mechanism map for GTD-111 superalloy. © 2001 Elsevier Science B.V. All rights reserved.
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1. Introduction

The nickel-base superalloy GTD-111, which was de-
signed in the mid-1970s by the General Electric com-
pany, is used as a blade material in the first row high
pressure stage of gas turbines. It is reported [1] that this
alloy is superior by about 20°C in creep-rupture
strength in comparison with another Ni-base superal-
loy, IN-738LC. IN-738LC has a chemical composition
and microstructure similar to that of GTD-111 as
indicated in Table 1. In addition, the low-cycle fatigue
resistance of GTD-111 is better than that of IN-738LC.
Gaudenzi et al. [2] studied coating resistance on several
alloys using the Dean test and holding at high tempera-
tures for long periods and showed that hot oxidation
and corrosion resistance of GTD-111 is much higher
than that of IN-738LC. The alloy contains refractory
elements such as Mo, W, Ta, Cr and Co to prevent
local hot corrosion [3]. GTD-111 superalloy, in fact, is
a modification of Rene 80 and has a multi-phase

microstructure consisting fcc g matrix, bimodal g % pre-
cipitates (primary and secondary), g–g % eutectic, car-
bides and a small amount of deleterious phases such as
s, d, h and Laves [4].

In spite of the importance of GTD-111 in manufac-
turing of hot components such as the first stage blades
of gas turbines, unfortunately there is limited investiga-
tion and data about this high performance superalloy.

The Ni-base superalloy GTD-111 expends almost all
of its life in creep deformation. Therefore, it is worth of
studying its creep deformation mechanisms at various
combinations of stress and temperature. Several papers
related to creep in superalloys indicate an increase in
the slope of the log o–log s at high stresses and a
decrease in the slope of the log o−1/T with decreasing
temperature [5–9].

This work used single-specimen creep tests and trans-
mission electron microscopy of specimens crept at dif-
ferent conditions to construct a deformation
mechanism map for the alloy. Deformation mechanism
maps provide a powerful tool to develop high tempera-
ture alloys, to achieve more resistant alloys and to
rationalize the creep behavior of these alloys. The me-
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Table 1
Chemical compositions of GTD-111 and IN738LC superalloys

Ni Cr Co Ti W Al Ta Mo Fe C B

13.5 9.5 4.75 3.8 3.3 2.7 1.53 0.23 0.09 0.01GTD-111 Bal.
16.0 8.3 3.38 2.6 3.4 1.7 1.70 0.10Bal. 0.11IN738LC 0.01

chanical data and the corresponding microstructures in
the superalloy GTD-111 obtained after deformation
under various conditions are presented.

2. Experimental procedure

Chemical composition of as received Ni-base superal-
loy GTD-111 have been determined by means of X-ray
fluorescent (XRF), Optical Emission Spectroscopy
(OES) and Atomic Absorption. Grain size measure-
ment was performed using Mean Lineal Intercept
method. The primary g % volume percent was determined
using SEM, image analyzer and a stereo microscope.

Seven millimeter diameter rods were cut from a
standard heat-treated gas turbine blade made from
GTD-111 with equiaxed grains between 0.67 and 1.56
mm with an average grain size of 1.2 mm. Test pieces
were machined from the rods having 1990.1 mm
gauge length and 3.5090.01 mm diameter with screw
ends according to ASTM E139.

Tensile creep tests were performed using SATEC
constant stress machine with a 20:1 lever-arm rig. Tem-
peratures were controlled to 91°C and the tempera-
ture fluctuations along the gauge length were kept
within 91°C during the whole experiments. The elon-
gation of the specimen was measured by Linear Vari-
able–Differential Transformer (LVDT) attached to an
extensometer. Three creep test procedures were
examined.

(1) Constant temperature/6ariable stress: To examine
this incremental-loading procedure and to measure the
stress exponent, many tests were conducted at six dif-
ferent temperatures from 750 up to 950°C on the alloy.

(2) Constant stress/6ariable temperature: Several in-
cremental temperature tests were carried out at five
different stress levels from 250 to 450 MPa to determine
activation energy.

In both procedures, tests commenced at a constant
temperature (or stress) and at one stress level (or tem-
perature) and when the secondary creep stage is estab-
lished the stress (or temperature) was increased and the
new secondary creep rate determined. This procedure
was repeated till entering of the specimen to the third
creep stage. At each stress (or temperature), a strain of
approximately 0.3–1% occurred before the stress (or
temperature) was changed. To obtain more accurate
data at least three specimens were examined at each

temperature (or stress). Variance in strain rate was less
than 17% of the average for the same temperature–
stress conditions.

All the above tests were conducted using single-speci-
men procedures, instead of multiple-specimen proce-
dure. In the microstructural condition of GTD-111 the
two procedures are almost equivalent because the su-
peralloy is microstructurally stable under high-tempera-
ture creep conditions.

(3) Constant temperature/constant stress: This type of
creep test was conducted at four conditions, 982°C/152
MPa, 980°C/300 MPa, 800°C/400 MPa, and 760°C/586
MPa to determine the creep mechanism using transmis-
sion electron microscopy (TEM) of their creep mi-
crostructures, interrupted during steady-state creep.

Disks were cut from the gauge length of the speci-
mens deformed at different conditions normal to the
loading axis. They were profiled and thinned using ion
milling machine and electrochemical polishing with a
double jet polisher using an electrolyte of 7% perchloric
acid and 93% acetic acid at −2°C. The foils were then
examined at 200 KV in a Philips scanning–transmission
electron microscope (STEM). Images are presented in
single beam condition.

3. Results and discussion

The chemical composition of the superalloy GTD-
111 is presented in Table 1. Study of microstructure of
the alloy, at standard heat treated condition, by SEM
shows that the structure consists of primary large cube
g % (with edge dimension of 0.8 mm), secondary fine
spherical g % (with 0.1 mm diameter), g–g % eutectics and
carbides distributed almost uniformly in the g matrix.
The g % phase is a superlattice possessing the Ll2-type
structure with a nominal composition of Ni3(Al, Ti). Its
long range ordered structure affects glide of disloca-
tions markedly, so, it is well known that g % is responsi-
ble for the strengthening of nickel-base superalloys [10].
In addition, coherency strains, the g–g % lattice mis-
match, the matrix/particle interface formation energy,
anti-phase boundaries (APB) produced during shearing
of precipitate by dislocation pairs, and different elastic
moduli of the matrix and precipitate contribute to the
g % precipitation hardening in Ni-base superalloy [11,12].
Measurement indicates that this alloy has about 45%
primary g % and 15–20% secondary g % precipitated in the
g matrix. MC carbides precipitate frequently in the
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Fig. 1. TEM microstructure of GTD-111 in standard heat treatment
condition.

GTD-111, it is expected that the alloy with a high value
of g % and carbides indicates excellent stability at high
temperatures. Microstructural study of crept specimens
at high temperatures and stresses for a long time
showed only a very small shape change in cubic g %
precipitates. Also, the data obtained from variable tem-
perature and stress creep tests, to calculate n and Q
values, compare well with those obtained from constant
stress and temperature creep tests.

The dependence of the steady-state creep rate, os
.
, on

stress, s, and temperature, T, can be described by an
equation such as:

os

.
=Asn exp(−Qc/RT) (1)

in which A and n are constants and Qc is the activation
energy for creep. The values of n and Qc for GTD-111
as reported for a number of precipitation hardened
superalloys [7–9,11,12] depend on both temperature
and stress.

Figs. 2 and 3 show the variation of the secondary
creep rate with stress and temperature, respectively. The
data obtained at each temperature appear to lie on two
or three straight lines, with different slopes. Fig. 2
shows three different n-values for GTD-111 over wide
ranges of temperatures and stresses, calculated from the
slopes. Therefore three regions, represented by S
(shear), C (climb) and D (diffusion), are distinguished.
The higher value (11) is associated with shear mecha-
nism including stacking fault and anti-phase boundary
formation. n=3.8 is associated with dislocation climb,
and the other (nB2) is stress exponent for diffusional
creep. These n-values obtained for GTD-111 are consis-
tent with the values reported by other investigators for
a number of superalloys [7,14–20]. With increasing
temperature the transition from dislocation to diffu-

Fig. 2. The stress dependence of the steady state creep rate of
GTD-111 at different temperatures. The values represent stress expo-
nent for each creep mechanism.

Fig. 3. The temperature dependence of the steady state creep rate of
GTD-111 at different stresses. The values represent activation energy
for each creep mechanism.

interior of grains, between dendritic arms, but M23C6

carbides precipitate at grain boundaries. The separate
grain boundary-carbides can improve mechanical prop-
erties and prevent grain boundary sliding [13]. Fig. 1
indicates TEM microstructure of GTD-111 in standard
heat treatment condition showing a low dislocation
density in the g matrix around g % particles.

Generally, the Ni-base superalloys with complex and
multi-phase microstructures are stable at high tempera-
tures and this characteristic is the main reason for using
them in critical and severe service conditions. Although
there is no report on the microstructure stability of
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sional creep occurs at lower stresses. Also, above about
900 MPa the deformation mechanism changes. This
mechanism as proposed by Carey et al. [21] for IN-
738LC and Frost and Ashby [22] for MAR-M200, may
be obstacle controlled dislocation glide.

Fig. 3 is plotted using the results obtained from the
variable–temperature creep tests at constant stress. In
order to determine the apparent activation energy for
creep, an Arrhenius type relationship (Eq. (1)) was
assumed between the steady state creep rate and tem-
perature. Using this relationship three values of 675,
263 and 106 kJ/mol were obtained, similar to other
observations for precipitation hardened superalloys
[7,14–20,23].

The different creep activation energies define three
creep mechanisms operating over wide ranges of tem-
perature and stress, as indicated before. The two larger
activation energies, frequently reported for multi-phase
superalloys, have been associated with creep controlled
by dislocation motion. When stress is sufficiently high
and precipitate and matrix have the same crystal struc-
tures and orientations, as in GTD-111, the matrix
dislocations can shear the particles. When dislocation
climb is controlling process, the activation energy is
equal to the self-diffusion activation energy. It has been
reported [24] that the self-diffusion activation energy
for Ni-based superalloys is in the range 257–283 kJ/
mol and for GTD-111 is 259 kJ/mol, is in good agree-
ment for region C. The region with the small slope
(activation energy) is related to diffusional creep.

With combination of the two sets of data, the defor-
mation mechanism map shown in Fig. 4 is constructed.
Deformation mechanism maps are a useful means of
determining the creep mechanism operating in a definite
region of the map. In the construction of the map the
incipient melting temperature, Tm, is considered 1523°K
and the applied stress is converted to the equivalent
shear stress normalized by the shear modulus at each
temperature [22].

The high temperature deformation mechanism map
indicates a high-stress plasticity region controlled by
dislocation glide, two power-law creep regions and a
grain boundary diffusion creep region at low stresses.
The diffusional creep region (represented as D) has
activation energy of 106 kJ/mol, which is nearly the
same value obtained for MAR-M200 by Frost and
Ashby [22]. A transition from boundary (Coble) to
lattice (Nabarro-Herring) creep mechanism would be
expected with increasing temperature in tests under-
taken at lower stresses.

The normalized threshold stress for diffusional creep
(st/m) was estimated 2×10−4 using the following equa-
tion [21]:

st/m�bb/L (2)

in which L is the spacing of obstacles (g % precipitates) in
grain boundaries and bb is Burgers vector for grain
boundary dislocations (�8.33×10−11 m). Substituting
the data reported for IN-738LC [21], which are approx-
imately the same as those of GTD-111, in the above
equation, the value of �2×10−4 is obtained and
indicated in Fig. 4.

The results of study on creep tested specimens inter-
rupted during stage II using TEM show that at high
stresses, when n�11, dislocations cut through g % parti-
cles by stacking fault (SF) formation and anti-phase
boundary (APB) coupled dislocation pairs. The creep
induced dense dislocation networks are mainly con-
strained at the g–g % interface. Fig. 5 shows the TEM
microstructure of the specimen creep tested in the dislo-
cation creep region S. Since the intrinsic stacking faults
are lying on a common (111) glide plane [25], the
matrix dislocations must, as totals, dissociate into par-
tials at the g–g % interface, producing a single superpar-
tial gliding in the g % phase and a partial left at the
interface which relaxes the high coherency stresses at
g–g % interfaces. Therefore, the partial reduces the over-
all energy of the dislocation interface configuration so
that a stacking fault formation can be generated at a
coherent interface. After passing the precipitate, the
partial dislocations rearrange themselves to totals for
further motion in the matrix. Groups of partial disloca-
tions may create a variety of fault configurations in g %
precipitates. Various types of fault configurations were
observed in specimen creep tested under S condition.

Fig. 4. A deformation mechanism map for GTD-111 with an average
grain size of 1.2 mm. Tm=1523°K. Contours represent creep rate in
per s. ", the data obtained from constant temperature/variable
stress. 
, the data obtained from constant stress/variable tempera-
ture. �, The data obtained from constant temperature/constant stress
used for TEM study.
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Fig. 5. TEM microstructure showing SF in g % precipitates in the
specimen creep tested at 760°C/586 MPa in the dislocation creep
region S and interrupted at steady state creep stage. With 2.27%
strain and os

.
=7.12×10−7 s−1.

stacking faults from different {111} planes have created
locks. Also at this high creep strain and high stress in
addition to stacking faults, a few pairs of a/2�110�
screw dislocations are observed on {111} glide planes
inside g % cubes (Fig. 7). The paired dislocations, well
separated in the matrix, are constricted upon entering
the g % particle due to the creation of the APB between
them. Sometimes this constriction is so high that the
dislocation pairs, which are resolvable in the matrix, are
not observed in the g % precipitates [9]. From an en-
ergetic point of view, the shear mechanism by APB-
coupled dislocation pairs occurs when matrix
dislocations pileup at the interfaces in order to push the
leading dislocation into the g % cubes, as has been de-
scribed by Link and Feller-Kniepmeier [25]. Therefore,
this mechanism, predominant at high stresses and high
strains, is not likely to occur at low strains with insuffi-
cient dislocation densities for pileups at the interfaces.
So, it is expected that in the upper range of this region
(S) APB-coupled dislocation pair is the dominant mech-
anism and in the lower range the SF formation is
predominant [9].

At low stresses, when n�4, the dislocations are
unable to cut through or bow between the particles.
Deformation is based now on the movement of disloca-
tions in the matrix and the change of the g % morphology
[27]. In this region it has been suggested either the
dislocations are forced to overcome the particles by
climb [28], or alternatively, deformation occurs pre-
dominantly in the grain boundary zones, i.e. by grain
boundary sliding and deformation in regions of the
grains adjacent to the boundaries [29,30]. The disloca-

Fig. 6. Stacking fault locks created during creep at 760°C/586 MPa in
the dislocation creep region S and interrupted at steady state creep
stage. With 2.71% strain and o

.
s=6.83×10−7 s−1.

Fig. 7. TEM microstructure showing SF and APB-type shearing
mechanism in the specimen creep tested at 760°C/586 MPa in the
dislocation creep region S and interrupted at steady state creep stage.
With 2.71% strain and o

�

s=6.83×10−7 s−1.

Kear et al. [26] have proposed coherent interfaces as
requirements for stacking fault formation. Otherwise,
the resulting pileups of matrix dislocations at the inter-
faces generate local stresses and cause a transition from
stacking fault to APB mechanism.

Observation of the microstructure of GTD-111 at the
end of stage II indicates high densities of stacking faults
in g % precipitates and increasing the probability of
stacking fault interactions. An example of the mi-
crostructure is shown in Fig. 6 where reactions of
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Fig. 8. TEM microstructure showing the dislocation configurations in
the specimen creep tested at 982°C/152 MPa in the dislocation climb
region C and Interrupted at steady state creep stage. With 2.43%
strain and os

�
=3.80×10−7 s−1.

Three different mechanisms of interaction between dis-
locations and g % precipitates in GTD-111 have been
microscopically observed. The occurrence of a given
mechanism depends on the test conditions of tempera-
ture and stress. A shear mechanism involving stacking
fault and anti-phase boundary coupled dislocation pair
formation in the g % precipitates occurs over a wide
range of experimental conditions. Dislocation climb
over g % precipitates and diffusional creep through grain
boundaries are the other mechanisms operating at
lower stresses.
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